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Abstract

Fully dense nanocrystalline tungsten (nc-W) with extremely high strength (�3.0 GPa under quasi-static compression and �4.0 GPa
under dynamic compression) has been obtained by high-pressure torsion (HPT) at low temperature (500 �C). The nanocrystalline micro-
structure is revealed by transmission electron microscopy (TEM). The grain boundaries (GBs) are mostly of the large-angle type. High-
resolution TEM (lattice images) suggests that the GBs are clean and well defined (atomically sharp). GBs are non-equilibrium and of a
high-energy nature. Edge dislocations are present within the grains. The authors hypothesize that these edge dislocations, combined with
a depleted impurity concentrations along pre-existing GBs, contribute to enhance the ductility of nc-W. Under dynamic compression, the
specimens exhibit localized shearing followed by cracking and subsequent failure, similar to their ultrafine-grain (UFG) counterparts
processed by equal-channel angular pressing plus cold rolling, and to many other body-centered cubic metals with UFG/nanocrystalline
microstructures. The shear band width in the HPT-processed nc-W is much smaller (shear band width <5 lm) than that observed in the
UFG counterparts (shear band width �40 lm).
� 2006 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Due to the various unique properties of materials with
nanocrystalline (nc) microstructure (grain size d <
100 nm), tremendous effort has been invested in recent
years to the processing and characterization of such mate-
rials [1–3]. Several processing techniques have been applied
to obtain metals and alloys with ultrafine-grain (UFG,
100 nm < d [ 500 nm) or nc microstructures, including
electrodeposition [2,4], powder metallurgy [3,5], inert gas
condensation followed by consolidation of powders [2]
and severe plastic deformation (SPD) [6,7]. SPD is a
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‘‘one-step’’ procedure that starts with a bulk work piece
with coarse-grained microstructure and refines the grain
size down into the UFG or nc regime with increased plastic
straining. SPD provides cost-effective and contamination-
free technology for the production of bulk UFG/nc metals
and alloys. It has a number of variants, such as equal-chan-
nel angular pressing (ECAP) [7], surface mechanical
attrition (SMA) [8] and high-pressure torsion (HPT) [9].
HPT has been less investigated than ECAP, and has been
applied to a limited number of metals (e.g., Cu, Ni, Fe)
[9–11].

It is extremely difficult to produce fully dense, bulk forms
with UFG/nc microstructure of some refractory transition
metals (typically body-centered cubic (bcc)) that have high
melting points and are very susceptible to interstitial
rights reserved.
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impurities. Tungsten is the most noticeable example. Con-
ventional coarse-grained tungsten (cg-W) is well known
for its poor ductility and high ductile-to-brittle transition
temperature (DBTT) [12–14]. At room temperature, cg-W
behaves like a ceramic: a strong tension–compression asym-
metry, tensile failure without any ductility and, at a stress
level only half of the compression ‘‘flow’’ stress, a failure
mechanism typical of most brittle ceramics (intergranular
fracture). Its high susceptibility to soluble interstitial impu-
rities has been held responsible for such behavior. Those
impurities segregate along the grain boundaries (GBs) and
render the GBs the weak links during mechanical straining.
Some investigations have demonstrated that SPD in the
form of ECAP or ECAP followed by low-temperature roll-
ing is a promising technique for the grain size refinement of
W to at least UFG level [15–17]. Such microstructure not
only increases the strength of W, but also reinstates its duc-
tility. Under dynamic loading, UFG-W exhibits the long
sought-after behavior: localized shearing, which is a desir-
able deformation mode for a number of critical applications
[15,16].

We have investigated the microstructure (grain size,
grain boundaries, etc.) and mechanical properties, particu-
larly the dynamic failure, of nc-W, processed by low-
temperature HPT. Here, low temperature means low
homologous temperature, i.e. T/Tm < 0.25, where Tm is
the melting point in kelvin. Detailed microstructural anal-
yses were performed using conventional transmission elec-
tron microscopy (TEM) and high-resolution lattice
imaging (HRTEM). The nature of the grain boundaries
and the defects within the grains were studied in detail.
Quasi-static compression was conducted at various strain
rates with specimens from different locations with respect
to the center of the HPT W disk. Dynamic uniaxial com-
pression was performed using an innovative desk-top Kol-
sky bar (or split Hopkinson pressure bar) system [18] which
enabled us to test small samples (<1.0 mm) at high strain
rates (�103 to 104 s�1). We examined the surfaces of the
tested specimens for evidence of shear localization using
both optical microscopy and scanning electron microscopy
(SEM). The fractographic features of some failed speci-
mens were investigated using SEM.

2. Experimental

2.1. HPT

The starting cg-W of commercial purity was supplied by
Plansee (Austria). Table 1 shows the results of chemical
analyses on the substitutional and interstitial impurities
of the starting material. Initial disk-shaped W billets
Table 1
Chemical composition of the starting commercial-purity W

Element H O N C S A
Content (wt.%) 0.0001 0.25 <0.001 0.006 <0.001 0.
9 mm in diameter and 2 mm in thickness were upset by
30% strain at 600 �C in a protective cover to reduce possi-
ble oxidation. (Oxidation of W in open air becomes severe
at >650 �C [13], the oxide having a yellowish appearance.)
Five turns of HPT were performed on the upset and elec-
trochemically polished disk-shaped W using Bridgman
anvils pre-heated to 500 �C under an imposed pressure of
about 4 GPa. After HPT, no apparent change in color of
the W piece was observed, suggesting no serious oxidation
of the sample during HPT. To obtain HPT W with thick-
ness <1.0 mm, the lower anvil had a groove 1.0 mm deep
and 11.0 mm in diameter. The use of anvils of such a design
enables one to obtain samples of about 1.0 mm in thickness
and 11.0 mm in diameter without any cracks. Schematic
illustrations of HPT can be found in, e.g., Refs. [7,9]. Since
the HPT temperature is far below the melting point of W
(3695 K, or 3422 �C), and also much below the recrystalli-
zation temperature of plastically deformed W (�1250 �C
[14,19]), we expect effective microstructure refinement by
this SPD route. Two W disks were processed under identi-
cal conditions. The von Mises equivalent strain pumped
into the work piece is [9]

evM ¼
2pNrffiffiffi

3
p

h
ð1Þ

where N is the number of HPT turns, r is the distance from
the center of the disk and h is the thickness of the disk
(assuming strict confinement of the disk, no slippage be-
tween the W disk and the anvil and thus no thickness
reduction during HPT). As an example, if a disk of
10 mm (diameter) · 1.0 mm (thickness) is subjected to one
complete turn of HPT, the von Mises equivalent strain
experienced by the rim of the disk will be >18. Thus for
the HPT W studied in this work, after five HPT turns the
maximum nominal strain is about 90!

2.2. Microstructural analyses

First, we used X-ray diffraction (XRD) to analyze the
HPT W disks for the volume average grain size and inter-
nal microstrains. XRD was performed using a Philips
X’Pert XRD machine running at 45 kV and 40 A. We
conducted segmented scanning to collect XRD data from
individual reflections using a step size of 0.01 s�1, and a
count time of 15 s. The 2h range was spread to about 4�
around the Bragg angle for a given low {hk l} family.
Therefore the scanning of each peak lasted for about 2 h.
We used single line profile analysis [20] to estimate the
grain size (or coherent domain size) and microstrains of
the samples. The grain size results were compared with
TEM observations.
l Ca Cu Fe Mn Na Ni
0010 0.0017 0.012 0.0014 0.0008 0.0011 0.0006
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TEM specimens were cut from the disks in such a way
that the electron beams were in the plane of the disks.
The specimens were first mechanically polished from
�0.7 mm down to �50 lm. Then a dimple was made on
the polished specimen. The dimpled specimen was mounted
onto a support grid made of tantalum. Electron transpar-
ency was achieved by ion milling. A Philips EM420 elec-
tron microscope operated at 120 kV was used for
conventional TEM analyses. A Philips CM-300 electron
microscope operated at 300 kV was used for high-resolu-
tion (lattice imaging) TEM. A Gatan digital imaging sys-
tem recorded the lattice images.

2.3. Mechanical testing

We used an MTS servohydraulic loading system to
perform uniaxial quasi-static compression (strain rate
10�3–100 s�1). The crosshead speed controlled the strain
rate. Because of the limited dimension of the specimens,
we conducted dynamic uniaxial compression using a
desk-top Kolsky bar [18] (DTKB) system. A schematic of
the DTKB set-up is displayed in Fig. 1. The elastic bars
carrying the elastic stress waves were made of high-strength
maraging steel. The diameter of the bars was �3.18 mm.
Because of the high strength of HPT W, WC platens must
be used to protect the elastic bars from plastic yielding. To
realize this, impedance-matched WC platens were shrink-
fitted into Ti–6Al–4V collars (the outside diameter of the
collar was the same as the diameter of the elastic bars).
The HPT W specimen (�0.8 mm · 0.8 mm · 1.0 mm) was
first sandwiched between two WC platens, and together
they were then sandwiched between the input and output
bars. The interfaces between the specimen and WC platens
were carefully lubricated to minimize friction. The input
and output bars and their supports were seated on a preci-
sion optical table about 600 mm long. A special alignment
procedure had to be performed to ensure the coaxiality of
the bars. Strain gages were cemented on the elastic bars to
measure (i) the incident pulse generated by an impacting
projectile (arriving at the input bar from the right in
Fig. 1. Schematic of the DTKB system. The bars and their many supports are s
of high-strength maraging steel. The diameter of the bars is �3.18 mm. The sp
unusual high strength of the HPT-W, we used impedance-matched WC platens
Thus the specimen is first sandwiched between the WC platens and then mou
Fig. 1); (ii) the reflected pulse from the input bar/specimen
interface and (iii) the pulse transmitted through the speci-
men to the output bar. A momentum trap (see Fig. 1; a
bar made of the same material and with the same diameter
as the input and output bars) was used to protect the strain
gage on the output bar. Details of the Kolsky bar tech-
nique can be found in Ref. [21].

The side faces of the HPT W specimens were polished to
a mirror finish. Specimens were recovered for post-loading
examinations for evidence of localized shearing, and for the
investigation of dynamic failure, using both optical micros-
copy and SEM.

3. Results

In this section, we first present the results of grain size
and microstrain measurement obtained via XRD line
broadening analyses. This is followed by detailed TEM
observations: from both diffraction contrast and phase
contrast (high-resolution lattice imaging). Finally, we pro-
vide the results of mechanical testing under uniaxial quasi-
static and dynamic compression.

3.1. Microstructure of HPT-processed nc-W

First, one of the HPT-processed nc-W (referred to as
HPT-W) disks was polished and etched using a standard
Murakami solution, and the specimen was examined using
an optical microscope at the highest possible magnification.
The fine microstructure exceeded the resolution limit of the
optical microscope.

For XRD single line profile analysis of grain size (or
coherent domain size), first the instrumental broadening
was measured using annealed powder of Ni. Our XRD sin-
gle line profile analyses of the HPT-W result in a volume
average coherent domain size of �40 nm, and a volume
average microstrain of �0.003. We should point out that
due to the microstructure gradient in the HPT-W disk
plane which is more or less intrinsic to HPT-processed met-
als [9], these XRD values of grain size and microstrain can
eated on a precision optical table (�600 mm in length). The bars are made
ecimen is sandwiched between the input and the output bars. Due to the
shrink fitted into Ti–6Al–4V collars to protect the input and output bars.

nted between the two bars.
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at most serve as a reference. Later in this paper we will also
show that the volume average grain size from XRD analy-
ses is about four times smaller than obtained with TEM
analyses. Other authors have also investigated this discrep-
ancy, and it seems to be universal for SPD metals [22].

Fig. 2(a) displays a bright-field TEM micrograph show-
ing the microstructure of HPT-W (nominal HPT equiva-
lent strain �70). The grains have an elongated shape and
a distribution of size. Many grains are heavily dislocated.
Break-ups of the elongated grains are apparent. The
dark-field image (Fig. 2(b)) also indicates break-ups within
the elongated grains. The width of the elongated grains is
about 100 nm. Fig. 2(c) shows a selected area electron dif-
fraction (SAED) pattern from the region of Fig. 2(a) and
(b). Even though the bright- and dark-field micrographs
show elongated morphology, SAED does not suggest
strong texturing, as supported by the apparent absence of
concentrated intensity in the ring pattern. Instead, the ring
pattern from such a small area suggests absence of textur-
Fig. 2. Bright-field (a), dark-field (b) images and SAED (c) from HPT-W. Not
grains. The SAED shows nearly continuous rings, with no obvious intensity co
equivalent strain in the specimen is around 70.

Fig. 3. Bright-field (a), dark-field (b) images and SAED (c) from HPT-W. Simi
in the elongated grains. The SAED shows nearly continuous rings, with no ob
GBs. The HPT nominal equivalent strain in the specimen is around 70.
ing, and break-ups within the apparently elongated grains.
It also suggests that the GBs are mostly of large-angle type,
since otherwise concentrated intensity in the ring pattern
would be observed. Fig. 3(a) shows yet another bright-field
TEM micrograph showing the elongated grains in the
HPT-W, with Fig. 3(b) showing the corresponding dark-
field image and Fig. 3(c) the diffraction pattern. Again,
break-ups in the elongated grains are obvious. Also
observed is the sharpness of the GBs, both in the bright-
field and dark-field images. We can also take this sharpness
as evidence for the large-angle nature of the GBs. HRTEM
images in the following will show that those GBs are atom-
ically sharp and well defined.

Fig. 4(a) shows a bright-field digital TEM image showing
grains and GBs, and the very small grain size of the HPT-
W. We will present high-resolution lattice images of the
GB indicated by the rectangular box. Fig. 4(b) shows an
HRTEM image of a portion of the GB. The GB is atomi-
cally sharp, is of the large-angle type and is clean. No
ice the high density of defects in the grains, and break-ups in the elongated
ncentration along the rings, indicating large-angle GBs. The HPT nominal

lar to Fig. 2, notice the high density of defects in the grains, and break-ups
vious intensity concentration along the rings, again indicating large-angle



Fig. 4. Bright-field digital TEM image of HPT-W showing grains and grain boundaries (a). The GB region in the rectangular box in (a) is examined via
lattice imaging, with the result presented in (b), where it is observed that the GB is of large angle, clean, well defined and has atomic steps. Edge
dislocations are indicated by the extra-half atomic planes (the two white arrowed line guides). Another example of such large-angle, non-equilibrium GB is
displayed in (c), where atomic steps or ledges are apparent.
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amorphous GB region or GB phase can be identified as
assumed in numerous models or simulations (e.g., Ref.
[23]). Atomic steps and/or ledges exist along the GB,
suggesting that such a GB is of a non-equilibrium and
high-energy nature. Another observation is the residual
edge dislocations, as indicated by the extra half atomic
planes in the lattice image. It is of considerable significance
to observe edge dislocations at room temperature in bcc
metals such as W. This is because the rate-controlling
factor for plastic deformation of bcc metals at low temper-
ature (T < 0.25Tm) is the low mobility of screw dislocations;
usually only straight screws are observed for single-crystal
bcc metals after finite plastic deformation [24,25]. Fig. 4(c)
shows another HRTEM micrograph showing a GB. Again,
the GB is clean, atomically sharp and of the large-angle
type. We can also observe atomic steps and ledges, suggest-
ing the non-equilibrium nature of the GB. Such large-angle,
non-equilibrium and high-energy GBs, along with large
density of dislocations, are the common features of
microstructures produced by SPD [7,26,27]. Valiev et al.
argued that the ‘‘paradox’’ of strength and ductility of some
UFG/nc metals and alloys may be explained by these fea-
tures [7,27–29]. The large-angle, non-equilibrium GBs cre-
ated during SPD can facilitate deformation mechanisms
other than glide of dislocations. Such mechanisms include
GB sliding and grain rotation [29]. The ledges or atomic
steps along such non-equilibrium GBs can also act as
dislocation sources under stress [30]. Combined with the
SPD-induced mobile dislocations, they will also contribute
to improve the ductility of the UFG/nc metal.
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Fig. 6. Quasi-static uniaxial compression stress–strain curves. For the
specimen cut from the disk edge (red, solid curve), the apparent loss of
strength is most probably due to buckling of the specimen. For compar-
ison, the stress–strain curve of a W specimen with UFG microstructure
processed by ECAP and low-temperature rolling (ECAP + Rolled W in
the plot) is also displayed. The flow stress of the disk-edge specimen is
unusually high for a transition metal. The quasi-static compression result is
in accordance with the microhardness measurement (Fig. 5). The flow
stress is lower away from the disk edge, but is still much higher than that of
the UFG-W.
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The break-ups and high density of defects in the elon-
gated grains at least partly explain the discrepancy between
the XRD grain size (or coherent domain size) and the TEM
observations, since such will contribute to the broadening
of the XRD peaks and lead to a much reduced coherent
domain size based on XRD data. We should point out that
due to the elongated geometry of the W grains it is difficult
to give an accurate TEM measurement of the grain size and
its distribution for the HPT-W.

3.2. Quasi-static and dynamic mechanical properties of

HPT-processed nc-W

First, we measured the Vickers hardness on both the top
and bottom faces of the HPT-W disk across the diameter.
Fig. 5 displays the results as a function of the distance from
the disk center. It shows that the hardness of the center is
lower than that of the disk edge because of the lower strain
at the center. However, the distribution of the hardness is
not very inhomogeneous, particularly for the top part of
the disk. Hardness values are about 11 GPa close to the
disk edge. This impressively high hardness for a transition
metal is comparable to some hard ceramics (the hardness
of most sintered ceramics, such as silicon nitride, is about
20 GPa [31]). The Hall–Petch relation for W in terms of
Vickers hardness is [32]

H ¼ H 0 þ KH � d�1=2 ð2Þ
where H0 is 350 kg/mm2, and KH is 10 kg/mm2. Using the
data in Fig. 5, we estimate the grain size of HPT-W to be
around 170 nm close to the disk edge. This estimate agrees
roughly with the TEM observations.

Hardness results suggest that HPT-W is super-strong,
particularly at the disk edge. Fig. 6 shows the quasi-static
uniaxial compressive stress–strain curves of HPT-W. The
specimens are cut from different regions of the HPT disk
to check the homogeneity of the mechanical properties.
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Fig. 5. Microhardness measurement on top and bottom faces of the HPT-
W disk as a function of the distance from the disk center (mm). Notice the
unusually high hardness (close to 11 GPa close to the disk edge,
comparable to the hardness of some ceramics).
The disk edge shows a flow stress as high as 3100 MPa,
consistent with the hardness measurement (approximating
the Vickers hardness number as roughly three times the
yield stress [33]). This is a truly remarkable strength for
tungsten. Away from the disk edge, the material becomes
less strong, again in accordance with the hardness results.
However, it is still stronger than a W sample that has a
UFG microstructure (grain size < 500 nm) processed by
ECAP and low-temperature rolling [15,16]. For compari-
son, the stress–strain curve for such a UFG-W is also
included in Fig. 6. Due to the small dimension of the
HPT-W specimen, it was difficult to maintain the axial
alignment of the specimen with respect to the loading axis
during compression. The presumable misalignment and the
consequent buckling of the specimen might be responsible
for the softening collapse of the flow stress in the strongest
sample.

Fig. 7 displays the dynamic uniaxial stress–strain curves
of various HPT-W specimens. The uniaxial dynamic com-
pression tests were performed using a DTKB system
(Fig. 1), allowing us to test samples with very small dimen-
sions at high loading rates. These stress–strain curves show
that HPT-W is very strong under these high loading rates
(inertial effects are small for these samples, using the esti-
mates of Ref. [18], as shown subsequently). Another impor-
tant observation from these stress–strain curves is the
precipitous stress collapse shortly after yielding. This stress
collapse strongly suggests softening mechanisms taking
place during dynamic loading. One definite softening mech-
anism stems from the adiabatic temperature rise during the
course of dynamic loading, which can be calculated as
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DT ¼ b
qCP

Z ef

0

rde ð3Þ

where b is the Taylor–Quinney coefficient that character-
izes the portion of plastic work converted into heat (as-
sumed to be 0.9 in this case [34]), q is the density
(19.25 g/cm3 for W), CP is the specific heat (0.134 J/g K
for W [13]), r is the flow stress and ef is the prescribed strain
for the calculation (the prescribed strain is determined by
the dimension and mass of the impacting projectile, the
dimension of the specimen and the gas-gun pressure (or
the velocity of the projectile), which are predetermined be-
fore the test). Assuming an elastic–perfect plastic isother-
mal stress–strain behavior with a strength ry for the
HPT-W, Eq. (3) can be written as
Fig. 8. Post-mortem optical images. Localized shearing resulted in the forma
loaded HPT-W (a), and formation of two intersecting shear bands (b). The she
(horizontal in both (a) and (b)). The loading direction is along the disk plane
DT ¼ b
qCP

ry � ef ð4Þ

For example, for a plastic strain of �0.15, the temperature
rise in the HPT-W under dynamic loading is around
�180 �C using a flow stress of �3.5 GPa. Either for sin-
gle-crystal W [35] or for severely plastically deformed W
such as a ribbon from cold rolling [36], such a temperature
rise may lead to considerable strength reduction. However,
for single-crystal W, this strength reduction can be com-
pensated for by strain hardening, whereas such compensa-
tion mechanism is absent in the SPD-W.

The stress wave loading during high strain rate experi-
ments renders inertia effect a concern during the develop-
ment of the DTKB technique [18]. The following
equation has been derived to assess the relative error in
flow stress measurement due to inertia [18]:

rs;2 � ry

ry

¼ qd2

ry

1

64
þ 1

6

l
d

� �2
" #

_e2 ð5Þ

where rs,2 is the measured flow stress, ry is the actual flow
stress, q is the density of the material, l is the length and d is
the diameter of the specimen, and _e is the strain rate. Eq.
(5) shows that tests on materials with high flow stress
and low density are less prone to such inertial errors, while
very high density materials and very soft materials will be
susceptible to inertial effects. Estimates based on Eq. (5)
and our experimental results (the equivalent aspect ratio
l/d of our specimens is �0.8) indicate that even though
tungsten is a material of high mass density, the super-high
strength of HPT-W off-sets its effect and results in a reason-
ably accurate measurement of its dynamic strength using
the DTKB technique.

The salient early precipitous stress collapse in the uniax-
ial dynamic stress–strain curves is a desirable feature for
tion of a major shear band and subsequent cracking of the dynamically
ar bands are at an angle of about 45� with respect to the loading direction
normal.
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some critical applications such as anti-armor kinetic energy
penetrators [37]. Usually such stress collapse is a result of
localized plastic deformation in the form of adiabatic shear
banding. Fig. 8 shows post-loading optical images of HPT-
W dynamic testing specimens. Fig. 8(a) displays a single
shear band, while Fig. 8(b) displays the development of
two intersecting shear bands. The loading directions in
both figures are horizontal, and normal to the disk plane.
The shear bands subtend an angle of approximately 45�
with respect to the loading direction. Fig. 9(a) displays an
SEM image of the surface of a dynamically loaded HPT-
W. The bright contrast running from the lower left corner
to the upper right corner of the image indicates localized
shearing. The boundary of the shear region is not very
sharp. No crack is observed due to the small prescribed
strain. Fig. 9(b) shows an SEM micrograph of another
dynamic specimen. Here we observe a shear band, and
the subsequent crack. The severe localized shear flow is
indicated by the bending of the pre-existing scratches near
the crack. (Those scratches were introduced during sample
preparation.) The width of the adiabatic shear band of
HPT-W is only about 5 lm, much smaller than that of
UFG-W. (Fig. 9(c) displays the microstructure of an adia-
batic shear band of a UFG-W. The shear band width is
�40 lm [15,16].)
Fig. 9. (a) SEM image of dynamically loaded HPT-W showing the localized sh
upper right corner of the image); (b) SEM micrograph of adiabatic shear und
severe localized shearing indicated by the bending of the pre-existing mechanic
band is approximately 5 lm, much narrower than the shear band observed in U
UFG-W is �40 lm, as displayed in (c)).
Fig. 10(a) displays one half of a failed dynamic testing
specimen. Clearly, the failure occurred as a consequence
of severe localized shearing. The failure is similar to consol-
idated nanostructured Fe [38,39], nanostructured vana-
dium [40] and bulk metallic glasses [41]. In Fig. 10(b), an
enlarged micrograph shows the localized shearing marks
along the face normal to the fracture surface. Figs. 10(c)
and (d) display the fracture surface of two different areas,
indicating slightly different fracture modes. It is revealing
to examine the fracture surface displayed by Figs. 10(c)
and (d) in more detail. The patterns in Figs. 10(c) and (d)
appear similar to those observed in the fracture surface
of bulk metallic glasses where they are called river patterns
[41]. (It has been asserted that in metallic glasses, shear
banding is the only operational plastic deformation mech-
anism under mechanical straining [42].) In the case of HPT-
W, however, the river exhibits a much rougher surface. The
fronts of the waves are curved and irregular (Fig. 10(c)).
Some step-like features about 5 lm in height are visible
at higher magnifications (Fig. 10(d)) which are accompa-
nied by dense, river-like patterns. All these suggest some
plastic deformation before failure. The details and the
underlying mechanisms for such fracture modes in nano-
crystalline tungsten, or perhaps in nanocrystalline bcc met-
als in general, call for further investigations.
earing (features in bright contrast running from the lower left corner to the
er dynamic compression of HPT-W, and subsequent cracking. (Note the

al scratches introduced during sample preparation.) The width of the shear
FG-W produced by ECAP and warm rolling (the shear band width of the



Fig. 10. One half of a dynamically failed HPT-W specimen showing the failure as a consequence of severe localized shearing (a). (b) The evidence of
shearing close to the fracture surface is clear. (c and d) Two fracture surfaces are displayed. It is revealing to compare the fracture surfaces of (c) and (d)
with those observed in metallic glasses which exhibit the so-called ‘‘river pattern’’ [41]. However, in the case of HPT-W, the river is much rougher with a
much higher density of curved ripples than that of metallic glasses, indicating some ductile plastic flow before failure.
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4. Discussion

Some abnormal phenomena have been observed in the
mechanical behavior, particularly the plastic deformation
of metals and alloys with UFG or nc microstructures
[43]. One interesting observation is that when the grain size
is refined into the UFG/nc regimes, the strain rate sensitiv-
ity of face-centered cubic (fcc) metals is increased, while
that of bcc metals is decreased [44]. We have argued, based
on the physics and mechanics of adiabatic shear banding in
metals and alloys, that combined with much elevated flow
stress and the elastic–nearly plastic behavior of bcc metals
with UFG/nc microstructures, such reduced strain rate
sensitivity will promote the tendency to adiabatic shear
localization under dynamic loading [15,16,45]. The experi-
mental results presented in this paper attest to this general
theory.

Intergranular fracture is the predominant fracture mode
for polycrystalline W, as well as for Cr and Mo that belong
to the same group of the periodical table as W (group VIA)
[46,47]. Some investigators regard such behavior more or
less intrinsic to these metals from a survey of the ratio of
the shear moduli to the bulk moduli (l/K, l being the shear
modulus and K the bulk modulus), the postulation being
that the intrinsic brittleness of a metal or metallic material
is correlated to this ratio [41,48]. For example, most ductile
metals, especially those in the fcc family, have low values of
l/K (�0.3 or below; 0.123 for Au, perhaps the most ductile
metal) while those in the bcc family, particularly Cr, Mo
and W, have much higher values of l/K (>0.5). However,
the fact that single-crystal W can be deformed to large plas-
tic strains even at liquid nitrogen temperature [35] suggests
that the brittle behavior of W is not intrinsic. In fact, the
major cause for the intergranular fracture in polycrystalline
W is the segregation of the solvable interstitial atoms along
the GBs, which makes the GBs become weak links under
mechanical straining. This is consistent with the unusually
high GB energy in pure polycrystalline W (>1000 mJ/m2,
compared to 340 mJ/m2 in Au), as it renders the GBs in
W the favored sites for interstitial segregation. In view of
this, GB engineering [49] may be used to improve the
mechanical behavior of such metals. For contamination
free GBs in pure metals, low-angle GBs are more fracture
resistant than large-angle ones based on a simple energetic
argument. The problem becomes more complicated when
impurity segregation along the GBs is involved. There have
been long-standing efforts in using GB engineering to
improve the fracture resistance of metals [50]. However, the
possibility of modifying the GB structure into one that is
more resistant to GB embrittlement caused by segregation
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has been little exploited. In our previous work on UFG-W,
we observed substantial improvement in the ductility of W
due to the plastic deformation induced grain refining
[15,16]. Under either quasi-static or uniaxial dynamic com-
pression, cg-W exhibits axial cracks [51,52]. However,
experimental results in the present work on HPT-W show
only localized shearing and subsequent cracking or failure
under dynamic compression. The dynamic failure mode
bears some similarity to that of metallic glasses, i.e.,
appearance of river pattern, but with a much rougher mor-
phology indicative of some ductile feature associated with
the dynamic failure process. No axial cracking was
observed in the quasi-statically compressed HPT-W speci-
mens. These observations are in accordance to our previ-
ous experimental results on UFG-W processed by SPD
and imply that the HPT-W has enhanced ductility com-
pared to the conventional cg-W. Systematic work by Gum-
bsch et al. [12] on controlling factors for the fracture
toughness and brittle-to-ductile transition in single-crystal
W indicates that pre-plastic deformation of the specimen
can increase both low- and high-temperature fracture
toughness. In particular, much improved high-temperature
fracture toughness is achieved by pre-plastic deformation.
Gumbsch et al. pointed out that if a dislocation (either
one that is generated at the crack tip or a pre-existing
one) moves in the stress field along the crack tip, it will gen-
erate dislocation segments of non-screw (and thus highly
mobile) character parallel to the crack tip. Our HRTEM
analysis shows residual edge dislocations in the HPT
nc-W (Fig. 4(b)). Such edges may work together with other
pre-existing mobile dislocation components so as to pro-
vide highly efficient shielding of the crack tip, thus resulting
in relatively ductile failure.

The effect of grain size on strength and ductility of met-
als has been a controversial issue. Usually, when the
strength of a metal is increased by grain size reduction
(Hall–Petch strengthening), the ductility measured by elon-
gation to failure during a tensile test is reduced. Following
the instability criteria [53], the major reason for this is the
reduction of the stabilizing mechanism due to the reduced
strain hardening associated with grain size refinement [54].
However, recent research has shown that judicious micro-
structure engineering can produce nc/UFG metals with
concurrent high strength and ductility. One approach is
the bi-modal grain size distribution [55,56] where the nc
grains strengthen the microstructure while the large grains
(grain size in micrometer range) sustain the high ductility.
Especially for nc/UFG metals processed by SPD, Valiev
et al. [29,57] proposed that recourse to the nature of the
GBs generated during such processing can explain the
strength/ductility paradox of nc/UFG metals. In this work
particularly, both conventional and HRTEM results sug-
gest that the GBs in HPT-W are of large angle and a
high-energy and non-equilibrium nature. Such GBs should
serve as ideal attracting sites for interstitial impurities pres-
ent along the pre-existing GBs. Disruption of the structure
and chemistry of the pre-existing GBs during SPD might
have contributed to this redistribution process, which ren-
ders the GBs less contaminated by the detrimental impuri-
ties. In addition to these beneficial effects, the remnant edge
dislocations revealed by HRTEM (Fig. 4(b)) may also help
to enhance the ductility of the nc-W, as briefly discussed
previously.

5. Summary and concluding remarks

We have investigated the microstructure and mechanical
properties, particularly the GB structure and the mecha-
nisms of plastic deformation and failure under dynamic
loading, of a fully dense nc-W processed by HPT. We have
come to the following findings from our experimental
results and discussions:

(1) The fully dense nc-W exhibits remarkably high
strength (hardness �11 GPa close to the disk edge,
strength �3.0 GPa under quasi-static and �4.0 GPa
under dynamic compression).

(2) While the grains have an elongated geometry, break-
ups and high density of dislocations are observed
within the grains. SAED does not show strong
texturing.

(3) The grain boundaries in the nc-W are mostly of large-
angle type. HRTEM shows that the GBs are clean,
well-defined (atomically sharp) with some atomic
steps and ledges, indicating that the GBs are of a
non-equilibrium and high-energy nature. We also
observed edge dislocations within the grains with
HRTEM.

(4) While the nc-W has mechanical strength comparable
to that of some strong ceramics, its quasi-static and
dynamic failure is not completely brittle. Under uni-
axial dynamic compression, the specimens exhibit
localized shearing, similar to their UFG counterparts
processed by ECAP plus cold rolling [15,16], and to
many other bcc metals with UFG/nc microstructures
[39,40]. The shear band width in the HPT-processed
nc-W is �5 lm, much smaller than that of the
UFG-W (�40 lm).

(5) The dynamic failure surface exhibits river patterns
akin to that of metallic glasses. But the river surface
is much rougher, with more curved and irregular
morphology than that of metallic glasses, suggesting
ductile plastic deformation before final failure. How-
ever, we point out that further effort is needed to clar-
ify the dynamic failure mechanism of nanocrystalline
metals, especially those with bcc structure.
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